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The role of starting powder in the resistance of silicon ni-
tride (Si3N4) ceramics to strength-impairing contact dam-
age is studied. Si2N4 materials are prepared from three
starting powders, at selectively increasing hot-pressing
temperatures to coarsen the microstructures: (i) from rela-
tively coarsea-phase powder, essentially equiaxeda-Si3N4
grains, with limited, slow transformation to b-Si3N4 grains
toward the latter half of the temperature range; (ii) from
relatively fine a-phase powder, a more rapid transfor-
mation to b-Si3N4, with attendant grain elongation; (iii)
from fine b-phase powder, an essentially equiaxedb-Si3N4
structure over the entire temperature range. The resulting
microstructures thereby provide a spectrum ofb/a phase
ratios and grain sizes and shapes for investigation. In-
dentations with hard spheres (Hertzian test) are used to
induce damage into the Si3N4 specimens. Examination of
the indentation sites indicates a competition between brit-
tle and quasi-plastic damage modes: in structures with
relatively equiaxed grains, the damage takes the form of
classical cone cracking; in structures with large elon-
gate grains, the damage is distributed beneath the contact
as grain-localized microfailures within a subsurface
‘‘yield’’ zone. Bend tests on specimens containing single-
cycle contact damage reveal those structures with well-
developed cone cracks to be highly susceptible to strength
degradation. The microstructures with the greatest resis-
tance to strength loss are those formed from finea-phase
starting powder at intermediate firing temperatures
(1700°C), with characteristic large, elongateb grains. Im-
plications of the results in the context of other mechanical
properties, e.g., toughness, wear, and fatigue resistance, are
discussed.

I. Introduction

SILICON NITRIDE (Si3N4) has been studied extensively for two
decades because of its attractive combination of mechanical

properties, such as strength, toughness, and wear and fatigue

resistance. It is recognized that microstructure is central to
these mechanical properties.1–13 Nevertheless, the role of mi-
crostructure remains poorly understood in Si3N4 ceramics, be-
cause of the complex interplay between such variables as grain
size and aspect ratio, ratio ofa to b phase, and composition of
glassy second phase—generally, these microstructural vari-
ables tend to vary in an interdependent manner during the
sintering process. Whena-Si3N4 is used as a starting powder,
transformations tob-Si3N4 during sintering result in pro-
nounced grain elongation.2,14,15In turn, elongated grain struc-
tures give rise to enhanced long-crack toughness (strongR-
curve).5,7,10,11,13,16However, this improvement in toughness
does not usually extrapolate back to the domain of short cracks,
where important properties like strength17–20 and wear21 are
determined. In this light, there is a need for exploring routes to
the microstructural design of Si3N4 for improved damage re-
sistance properties at the microscale.

This paper investigates the specific roles ofb/a phase ratio
and grain size and shape on damage accumulation in Si3N4. We
achieve control of these microstructural variables via the Si3N4
starting powders11 (but keeping the composition of oxide sin-
tering additives fixed) and by varying the sintering tempera-
ture. By choosing powders of different initial phase content and
particle size, the following microstructures are produced with
increasing temperature: from relatively coarsea-Si3N4 starting
powder, a progressively coarsening, equiaxeda-Si3N4 struc-
ture, but with limited, slow transformation tob-Si3N4 toward
the latter half of the temperature range; from relatively fine
a-Si3N4 starting powder, a much more rapid transformation to
b-Si3N4, with attendant grain elongation and coarsening; from
fine b-Si3N4 starting powder, an essentially equiaxedb-Si3N4
structure over the entire temperature range, with progressive
coarsening. Selected hot-pressing temperatures between 1570°
and 1800°C provide a matrix of microstructures covering a
spectrum ofb/a ratios and grain geometries for systematic
analysis.

To characterize damage accumulation of the Si3N4 micro-
structures we use indentations with spheres (Hertzian test). The
Hertzian test has shown itself to be a powerful means of iden-
tifying and quantifying damage in ceramics,22–26 including
Si3N4.20,27,28It reveals in a most compelling manner the critical
role of microstructure on the competition between classical
cracking (ring, or cone fracture) and quasi-plastic damage (dis-
tributed shear-activated microfaulting).29 Distinction between
these two damage modes is directly relevant to applications
where highly concentrated loads occur, e.g., in bearings. Indi-
cations are that the damage mode in Si3N4 progresses from
cracking to quasi-plasticity as the microstructure coarsens and
elongates,20,27 and as theb/a ratio increases.27 By examining
these trends in the present structures we illustrate how crucial
control of starting powders can be in the design of Si3N4 ce-
ramics for damage resistance.
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II. Experimental Procedure

(1) Materials Processing and Preparation
Three starting silicon nitride powders were used: relatively

coarsea-Si3N4 (UBE-SN-E3, mean particle size 1.0mm, Ube
Industries, Tokyo, Japan), with≈5 vol% b-Si3N4; relatively
fine a-Si3N4 (UBE-SN-E10, mean particle size 0.3mm, Ube
Industries, Tokyo, Japan), again with≈5 vol% b-Si3N4; and
b-Si3N4 (KSN-80SP, mean particle size 0.5mm, ShinEtsu,
Tokyo, Japan), with≈20 vol% a-Si3N4. Sintering additives, 5
wt% Y2O3 (Fine Grade, H. C. Starck GmbH, Goslar, Ger-
many), 2 wt% Al2O3 (AKP50, Sumitomo Chemical Co. Ltd.,

Tokyo, Japan), and 1 wt% MgO (High Purity, Baikowski Co.,
NC), were mixed with each starting powder. The mixed
batches were ground as slurries in 2-propanol for 24 h in a
planetary mill using zirconia balls in a polypropylene con-
tainer. After drying, the softly agglomerated powders were
crushed and sieved through a 60-mesh screen. These resulting
mixes were designated according to the Si3N4 starting powders:
AC (E3 powder,a phase, coarse);AF (E10 powder,a phase,
fine); B (KSN-80SP powder,b phase).

Hot pressing of sample blocks with 50 mm diameter and
5 mm thickness from each powder batch was performed in
nitrogen gas at 1 atm under uniaxial compression 30 MPa in

Fig. 1. SEM micrographs of Si3N4 polished surfaces, fired at 1600°, 1650°, 1700°, and 1800°C for 1 h. Specimen designation as follows:AC (E3
powder,a phase, coarse);AF (E10 powder,a phase, fine);B (KSN-80SP powder,b phase). Specimens plasma etched in CF4 and O2 gas for 10
min to reveal grain structures.
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a graphite die, at 1570°, 1600°, 1650°, 1700°, and 1800°C
for 1 h. Top and bottom surfaces of the fired blocks were
ground on a diamond wheel, and the blocks diamond sawn
into bars 25 mm × 4 mm × 3 mm forevaluation and testing.

Specimen surfaces were polished normal to the hot-press
direction to 1mm finish for characterization. These surfaces
were plasma etched to highlight the grain structures. After
gold coating, the etched surfaces were examined by scanning
electron microscopy (SEM), and grain sizes and shapes de-
termined from micrographs using an image analyzer (Bio-
scan OPTIMAS 4.1, Bioscan Inc., Edmonds, WA), as fol-
lows: mean grain sizes, from linear intercepts over all grain
boundaries; aspect ratios, as length/width of the 10% largest
elongateb grains;14 volume fractions, from grain area deter-
minations of allb grains with aspect ratio$3.12 X-ray diffrac-
tion (XRD) was used to determine theb/a phase ratio for each
material.

Densities were measured using the Archimedes method.

(2) Mechanical Testing
Hertzian contact tests were made on polished Si3N4 sur-

faces to determine damage characteristics.27 In these tests,
tungsten carbide (WC) spheres of radiusr 4 1.98 mm were
used at peak loads up toP 4 4000 N and at fixed cross-
head speed 1.67mm?s−1. The WC spheres themselves tended
to deform during indentation,30 so were constantly rotated and
ultimately replaced. Section views of the damage patterns
were obtained using bonded-interface specimens.23,24 These
specimens were prepared by bonding together two polished
half-bars at a common interface with a thin layer of adhe-
sive, and then polishing the top surfaces. Rows of indenta-
tions were then made on these top surfaces, symmetrically
along the surface trace of the bonded interface. The adhe-
sive was dissolved in acetone, and the top and side surfaces
of the separated half-blocks gold coated for optical examina-
tion in Nomarski illumination. Supplementary observations of
the damage were made using SEM to determine the basic
nature of the cracking and quasi-plasticity in relation to the
microstructure.20

Additional indentation tests were made with the same WC
spheres on polished surfaces of each of the Si3N4 materials, to
obtain critical loads for ‘‘yield,’’PY, and for cracking,PC. The
critical configurations were determined by examining the
postindented surfaces over a range of loads, and searching for
the signs of first damage.27 Nomarski examination of surfaces

gold-coated after indentation was again used for this purpose.
Acoustic detectors were also useful for detecting the critical
pop-in load for full cone cracks.27

Strength tests were made on sets of Si3N4 specimens fired at
1700°C, to quantify the degrading effects of the contact dam-
age.28 Four-point bend tests were made on polished and pre-
chamfered bars (25 mm × 4 mm × 3 mm,inner span 10 mm and
outer span 20 mm), with the indented surfaces on the tensile
side. The contact damage itself was made over a load range
P 4 0–4000 N. Specimens were covered by a drop of silicon
oil before testing, and were broken in fast fracture (<10 ms), to
avoid the influence of moisture (‘‘inert’’ strengths). Broken
specimens were examined fractographically in Nomarski illu-
mination to locate the source of failure, i.e., indentations or
other sites.

Routine measurements of Young’s modulus (sonic method)
and hardness (load/projected area, Vickers indenter31) were
carried out on these specimens.

III. Results

(1) Materials Characterization
Results of the microstructural characterization are shown in

Figs. 1–3. Figure 1 shows scanning electron microscopy (SEM)

Fig. 2. XRD determination of volume fractions ofb and a phases
in AC, AF, and B Si3N4 (see Fig. 1), as function of hot-pressing
temperature.

Fig. 3. Microstructural characterization ofAC, AF, and B Si3N4
materials as function of hot-pressing temperature: (a) mean grain size,
(b) aspect ratio of largest 10% elongateb grains, (c) volume fraction
of elongateb grains with aspect ratio >3.
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micrographs of the different Si3N4 microstructures for each
starting powder:

(i) AC Si3N4. After hot pressing at 1600°C, this material
reveals a microstructure with mainly equiaxeda grains of
mean grain size≈0.6 mm, but with minorb phase. At 1650°C,
the equiaxeda grains are larger, but occasional elongateb
grains are now apparent. At 1700°C, theb grains continue their
elongated growth, but thea phase still dominates. Finally, at
1800°C, theb phase dominates, but the structure is again pre-
dominantly equiaxed.

(ii) AF Si3N4. At 1600°C, the material contains mainly
equiaxeda grains of mean grain size≈0.2 mm, but some elon-
gatedb grains are already apparent. At 1650°C theseb grains
have continued their elongate growth, but at a much faster rate
than in AC Si3N4; the smallera grains have also begun to
transform tob phase. At 1700°C, theb phase is dominant. At
1800°C, theb grains enlarge further, as inAC, but remain
elongate.

(iii) B Si3N4. At 1600°C, the structure consists totally of
equiaxedb grains, mean grain size≈0.5 mm. On heating
through 1800°C, theb phase persists, and the microstructures
enlarge but remain predominantly equiaxed with just occa-
sional elongate grains.

Density determinations indicate a porosity level <0.1% in all
microstructures in Fig. 1.

Figure 2 plots volume percentb and a phase for the three
Si3N4 starting powder types as a function of hot-pressing tem-
perature, from XRD. InAC Si3N4 an a → b transformation
takes place, but is relatively sluggish, accelerating only above
1700°C (note that somea phase remains even at 1800°C). The
same transformation occurs inAF Si3N4, but much more rap-
idly, reaching completion at 1700°C. There is no detectable

phase transformation at all inB Si3N4; the b phase dominates
over the entire temperature range.

Mean grain sizes and aspect ratios are plotted for the Si3N4
materials as a function of hot-pressing temperature in Fig. 3.
Overall mean grain sizes (Fig. 3(a)) increase steadily with tem-
perature in all three materials. Aspect ratios (Fig. 3(b)) and
volume fractions (Fig. 3(c)) of the elongateb grains increase
strongly with temperature in theAF material to 1700°C, and
increase only slightly, above 1700°C, in theB material, with
AC intermediate. Note especially the dominant population of
elongateb grains inAF at 1700°C.

Figure 4 plots Young’s modulus and hardness against hot-
pressing temperature for each material. Both modulus (Fig.
4(a)) and hardness (Fig. 4(b)) decline with temperature: inAC
Si3N4, starting with relatively high values at 1570°C, declining
only slightly between 1570° and 1700°C, and finally falling off
between 1700° and 1800°C; inAF Si3N4, starting a little lower
at 1570°C, but declining much more quickly, and approaching
a similar reduced level at 1700°C; inB Si3N4, starting low and
staying low over the temperature range. Noting the (inverse)
correlation of the curves in Fig. 4 with those in Fig. 2, we replot
the modulus and hardness data as a function of phase content
in Fig. 5. The results are consistent with a ‘‘rule of mixtures’’:
for modulus (Fig. 5(a)), between extrapolation limits of high-
modulusa phase (340 GPa) and low-modulusb phase (312
GPa);32 for hardness (Fig. 5(b)), between extrapolation limits
of high-hardnessa phase (23.1 GPa) and low-hardnessb phase
(15.5 GPa).33 Note that whereas the trends are similar in Figs.
4 and 5, the rate of decline relative to temperature is consid-
erably faster in the hardness than in the modulus.

Fig. 4. Plot of (a) Young’s modulus and (b) hardness ofAC, AF, and
B Si3N4 materials as function of hot-pressing temperature.

Fig. 5. Replot of (a) Young’s modulus and (b) hardness data from
Fig. 4 as function of volume fractions ofb anda phases.
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(2) Contact Damage
Figures 6–8 illustrate bonded-interface section views of con-

tact damage formed at a relatively high loadP 4 4000 N, for
the Si3N4 materials fired at 1650°, 1700°, and 1800°C:

(i) AC Si3N4, Fig. 6. (a) 1650°C—a classical cone crack
forms outside the contact, indicative of a highly brittle material,
and signs of minor quasi-plasticity damage are just visible
beneath the contact; (b) 1700°C—the cone crack persists, but is
smaller, and the quasi-plastic zone, although still compar-
atively minor, is more apparent; (c) 1800°C—only a barely
visible shallow surface ring crack persists (more evident in
surface views, not shown), but the quasi-plasticity zone is now
well developed.27

(ii) AF Si3N4, Fig. 7. (a) 1650°C—a much shortened cone
crack, and already a substantial quasi-plasticity zone, are ap-
parent; (b) 1700°C—the damage zone is well developed, and
only the vestigial trace of a surface ring crack remains; (c)
1800°C—the shallow ring crack is no longer visible in the
section view (although, again, is evident in surface views), and
the quasi-plasticity is now totally dominant. The ‘‘brittle–
ductile’’ transition evident in thisAF sequence is therefore
similar to that inAC, but occurs much more rapidly.

(iii) B Si3N4, Fig. 8. (a) 1650°C—both cone cracking and
quasi-plasticity zones are already well developed; (b)
1700°C—the cone cracking is reduced, and the quasi-plasticity
further enhanced; (c) 1800°C—only shallow ring crack traces
remain, and the plastic zone is dominant. The quasi-plasticity is

more developed than in eitherAC or AF, and the cone cracking
as strongly developed as inAC, foreshadowing a highly dam-
age-susceptible material.

SEM observations confirmed previous observations of the
microstructural nature of the damage processes: the cone and
ring cracks in Figs. 6–8 were predominantly (>75%) inter-
granular;27 and the quasi-plasticity zone consisted of individual
shear faults at the grain boundaries, with some indication of
some shear faulting within some of the elongateb grains.20

Figure 9 plots critical loads for yield,PY, and cracking,PC,
as a function of hot-pressing temperature. (Note that thesePY
and PC data all lie below the valueP 4 4000 N used to
produce the damage patterns in Figs. 6–8.) In Fig. 9(a),PY
decreases steadily with firing temperature forAC and AF
Si3N4, ultimately to the temperature-insensitive low value forB
Si3N4. These temperature dependencies are broadly similar to
those for the hardness (Fig. 4(b)), consistent with the well-
documented interrelationship between yield stress and hard-
ness.30,31 This in turn implies a fundamental correlation be-
tween yield properties andb/a phase ratio (Fig. 5(b)). In Fig.
9(b), PC increases only slightly with firing temperature (recall
that the cracks contract from well-developed cones to very
shallow surface rings at the higher temperatures). Values ofPC
are highest forAF, lowest forB. These trends in thePC data
correlate with density of elongateb grains (Fig. 3(b) and (c)),
consistent with the dominance of a microstructural geometry
factor in the cone crack initiation.27

Fig. 6. Side views of Hertzian contact damage inAC Si3N4, fired at (a) 1650°, (b) 1700°, and (c) 1800°C. Indentations made using WC sphere
radiusr 4 1.98 mm at loadP 4 4000 N. AA denotes contact diameter. Nomarski optical micrographs of bonded-interface specimens.
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Figure 10 shows characteristic tensile-surface fracture pat-
terns forAF, AC, and B Si3N4 bend-test specimens fired at
1700°C and damaged at contact loadP 4 4000 N:28,34 in AC
and B, fracture traces outside the ring-crack peripheries, cor-
responding to failures from subsurface cone-crack fronts (Figs.
10(a) and (c)); inAF, fracture traces orthogonal to the surface
ring cracks, corresponding to failures from subsurface quasi-
plastic zones (Fig. 10(b)) (in this case, the accompanying shal-
low ring cracks play no role). Figure 11 plots strength degra-
dation data as a function of contact loadP for the same
materials. In each material the strengths remain undiminished
at subcritical loads, indicating failures from natural flaws. Be-
yond critical loads,PC for AC andB, PD ≈ 2PY for AF34 (see
Fig. 9 at 1700°C) the strengths fall off slowly—solid curves
in this region are data fits from fracture mechanics models
(Appendix).

IV. Discussion

In the present study we have investigated the role of starting
powder on Si3N4 microstructures (Figs. 1–5), and the relation-
ship of these microstructures to damage accumulation in con-
tacts with spheres (Figs. 6–10). We have shown that by con-
trolling the starting powders and firing temperatures we can
produce microstructures with different ratios ofb to a phase
(Fig. 2), and different grain sizes, shapes, and volume fractions
of each phase (Fig. 3). These crystallographic and geometrical
microstructural elements determine the competition between
fracture (ring cracking) and deformation (diffuse quasi-
plasticity) in concentrated stress fields. Specifically, for
coarser, predominantlya-phase starting powder (AC), we pro-

duce steadily coarsening structures that retain theira-phase
identity up to about 1700°C, with significant transformation to
b phase only above this temperature. This material tends to be
highly susceptible to cone cracking, with major quasi-plasticity
only in specimens fired above 1700°C (Fig. 6). For finera-
phase powder (AF), the structures again coarsen, but much
more rapidly with respect to temperature, and with larger vol-
ume fractions of elongateb grains. This material shows sup-
pressed cracking and enhanced quasi-plasticity over the entire
temperature range (Fig. 7). For theb-phase starting powder
(B), the structures once more coarsen with temperature, al-
though relatively slowly, and with retention of theb-phase
identity throughout. Thus this material is highly susceptible to
both fracture and deformation (Fig. 8).

It is of interest to identify more closely those elements of the
Si3N4 microstructure that govern the deformation and fracture
modes. Note that subsurface quasi-plasticity zones are equally
well developed in all three materials at 1800°C in Figs. 6–8.
(Recall that the hardnesses in Fig. 4(b) and critical loadsPY in
Fig. 9(a) each attain near-identical low values at this tempera-
ture.) The microstructural feature most closely common to the
three materials at 1800°C is the near-saturationb content in
Fig. 2. By contrast, there is no such commonality of grain size,
shape, or density at 1800°C in Fig. 3. At 1650°C, the incidence
of quasi-plasticity is barely lessened in theB material, but is
substantially reduced inAF and even more inAC, consistent
with reduced content of the relatively softb phase in Fig. 2. For
the fracture mode, we note that cone cracks are equally well
developed in two of the materials at 1650°C,B andAC, and
relatively suppressed inAF, in Figs. 6–8. (Also, the critical
loadsPC in Fig. 9(b) are highest forAF at this temperature.) In
this case there is no correlation between material order andb
content in Fig. 2. On the other hand,AF has by far the most
elongateb-grain shape in Fig. 3(b) and density in Fig. 3(c), if
not the largest mean grain size in Fig. 3(a). At higher tempera-
tures, cone cracking diminishes in all three materials, most
abruptly between 1700° and 1800°C, where the density ofb
grains in Fig. 3(c) increases. We conclude that it isb content
which constitutes the primary controlling factor in the quasi-
plasticity mode, andb grain geometry in the fracture mode.

An important consideration in bearing and other stress-
concentrating applications is retention of strength after the in-
troduction of contact-related damage. The plots in Fig. 11 for
the Si3N4 materials fired at 1700°C indicate that it is theAF
structure that is most immune to strength degradation. That is
because only shallow ring cracks form in this structure at and
above 1700°C (Figs. 7(b) and 9(b)). In this context, the relative
proliferation of large elongateb grains in theAF(1700) mate-
rial (Fig. 1) is a key feature. It has been argued in an earlier
study27 that suppression of full cone fracture initiation in
coarse, heterogeneous polycrystalline ceramics with inter-
granular fracture is attributable, at least in part, to intergranular
deflection of the downward propagating ring cracks away from
the trajectories of maximum tensile stresses in the contact field
by such long grains. As we have intimated, the damage in
AF(1700) (Fig. 7(b)) is instead distributed as highly stabilized,
grain-localized shear faults within a dominant quasi-plasticity
zone. Failure then occurs from one such fault within this zone,
at a contact loadP sufficiently in excess ofPY to grow this
fault to a dominant size (Appendix).28,34 Ultimately, at exces-
sive loads, or at a sufficiently large number of repeated con-
tacts, microcrack coalescence may occur within the quasi-
plastic zone, with reduction in strength to a level approximately
equal to that for failure from cone cracks.34 Nevertheless, for
the single-cycle load range considered here,AF produced from
the finera-phase powder appears to be the Si3N4 material of
choice for superior strength properties.

Our conclusions concerning the central role of microstruc-
ture on contact damage and associated strength degradation
also have strong implications concerning mechanical properties
like toughness and wear and fatigue resistance. Correlations
between quasi-plastic contact damage and toughness have been

Fig. 7. Side views of Hertzian contact damage inAF Si3N4, fired
at (a) 1650°, (b) 1700°, and (c) 1800°C. Indentations made using
WC sphere radiusr 4 1.98 mm at loadP 4 4000 N. AA denotes
contact diameter. Nomarski optical micrographs of bonded-interface
specimens.
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noted in an earlier study.27 There it was shown that reductions
in the size of any well-developed cone cracks from microstruc-
tural coarsening and elongation can be attributed to enhance-
ment of the underlyingR-curve (hence long-crack toughness),
via increased grain bridging.16 Other groups7,10–13have dem-
onstrated this link between microstructural heterogeneity and
R-curve behavior even more compellingly. The connection be-
tween contact damage and toughness is not superficial: it is the
same microstructural features responsible for steepR-curves
(large and elongate grains, weak grain or interphase bound-
aries) that promote quasi-plasticity in the contact damage re-
sponse, via weakness on the microscale.29 The combination of
suppressed cone cracking and limited quasi-plasticity evident
for AF Si3N4 in Fig. 7 indicates that the microstructures sin-
tered from the finera-phase powder, because of their relatively
pronounced microstructural heterogeneity, are the best suited
of our materials for high toughness applications. At the same
time, as noted forB Si3N4 in Fig. 8, it is possible to fabricate
microstructures with both extensive quasi-plasticityand large
cone cracks, so the existence of an extensive yield zone does
not itself necessarily lead to high toughness—recall from Figs.
1 and 3(b) that theB material does not contain the elongate
grains generally so effective in enhancing toughness.

From the standpoint of wear and fatigue, it is avoidance of
quasi-plasticity (and only to a lesser extent ring cracking) that
is important, because distributed microfailure damage can lead
to easy removal of material on the microscale.21,35–37 This
suggests that the high modulus and hardnessAC Si3N4 devel-
oped from coarsera-phase powder (Fig. 4) may be best suited
for maximum wear and fatigue resistance.

Finally, we would emphasize that we have considered only
two processing variables, starting powder and firing tempera-
ture. There are other important variables, most notably type and
amount of additive oxides, that can have profound influences
on the microstructural complexion of Si3N4 ceramics, espe-
cially on the composition of the oxynitride glassy phase.10,11

More detailed and systematic investigations of chemical and
geometrical aspects of the processing and microstructural char-
acterization, in the special context of tailoring damage proper-
ties for specific applications, constitute a ripe area for further
study.

APPENDIX

Fracture Mechanics Models for Failure from Indentation
Cone Crack and Quasi-Plastic Damage Sites in

Strength Tests

In this appendix we apply previously described fracture me-
chanics models for failure from cone cracks and quasi-
plasticity zones28,34to fit the strength data in the region where
breaks occur from indentation sites in Fig. 10.

(1) Failure from Cone Crack Sites
For theAC andB Si3N4 materials, failure occurs from cone

cracks (Fig. 12). This kind of failure is governed by the fol-
lowing three simultaneous relations:34

(i) A geometrical relation connecting the dimensionc of
the actual ring crack to the dimensionC of a ‘‘virtual’’ cone
with its tip located above the contact surface,

Fig. 8. Side views of Hertzian contact damage inB Si3N4, fired at (a) 1650°, (b) 1700°, and (c) 1800°C. Indentations made using WC sphere radius
r 4 1.98 mm at loadP 4 4000 N. AA denotes contact diameter. Nomarski optical micrographs of bonded-interface specimens.
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C 4 c + R0/cosa0 (A-1)

with R0 the surface ring radius anda0 the angle between cone
crack and specimen surface (Fig. 12).

(ii) For materials governed by a single-valued toughness
KIC 4 T0, an equilibrium stress-intensity factor relation for
pennylike cracks,38

K 4 xP/C3/2 4 T0 (A-2)

with x a crack geometry coefficient. The parameterx is cali-
brated from measurements of equilibrium cone crack lengths at
given loads (e.g., Figs. 6 and 8), usingC 4 (xP/T0)2/3.

(iii) The Griffith strength relation

sF 4 T0/Cc1/2 (A-3)

with C a geometry coefficient determined from consideration
of the cone crack geometry.39

The following parameters in Eqs. (A-1) to (A-3) are prede-
termined forAC andB Si3N4 (1700°C) as follows:

(i) In Eq. (A-1), cone anglea0 4 19°, and surface inner
ring crack radiusR0 4 238 mm (AC) and 226mm (B), from
section micrographs (e.g., Figs. 6 and 8).

(ii) Coefficients in Eqs. (A-2) and (A-3),x 4 0.0154 and
C 4 0.71, from previous calibration on Si3N4 materials with
similar cone crack geometry.27,28

(iii) In Eq. (A-3), toughnessKIC 4 T0 4 4.2 MPa?m1/2

(AC) and 3.0 MPa?m1/2 (B), from independent measurements
of radial cracks at Vickers indentations.40

The resulting calculated functionssF(P) are included as
the solid curves forAC Si3N4 andB Si3N4 in Fig. 11.

(2) Failure from Quasi-Plasticity Sites
For the AF Si3N4 material, failure occurs from ‘‘wing’’

cracks41–43 associated with individual shear faults within the
quasi-plasticity zones (Fig. 12).34 This type of failure is gov-
erned by the strength relation34

sF = s0@~PD
1/3 − PY

1/3)/(P1/3 − PY
1/3!#1/3

~P . PD . PY) (A-4)

Fig. 10. Micrographs showing failure of (a)AC, (b) AF, and (c) B Si3N4 materials fired at 1700°C, from strength specimens containing
indentations made with WC sphere,r 4 1.98 mm,P 4 4000 N. Nomarski illumination, surface gold coated. Tensile direction vertical in plane of
diagram.

Fig. 9. Critical loads for indentation-induced damage as function of
hot-pressing temperature, inAC, AF, andB Si3N4 materials: (a)PY
for quasi-plastic damage; (b)PC for ring cracking. Indentations made
using WC sphere radiusr 4 1.98 mm. In (b), open symbols and solid
curves denote full cone cracks, closed symbols and dashed curves
denote very shallow surface ring cracks only.
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wherePY is the critical load for yield (Fig. 9(a), 1700°C),s0 is
the natural strength (no indentation damage), andP 4 PD at
sF 4 s0 is the load at which breaks first occur from the
quasi-plasticity zone.

The solid curve forAF Si3N4 in Fig. 11 is obtained by
insertings0 4 960 MPa,PY 4 1100 N, andPD 4 2700 N
from a direct fit to the data.
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